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Highly Stretchable Polymers: Mechanical Properties
Improvement by Balancing Intra- and Intermolecular
Interactions
Or Galant, Suwon Bae, Meredith N. Silberstein,* and Charles E. Diesendruck*
be greater than that of the linear architecture. Another approach is to create
networks by the incorporation of noncovalent CL such as hydrogen[4–6] or
coordinative bonds between chains.[7–9]
A promising new strategy that is
explored in this manuscript, is balancing
the inter- and intramolecular interactions through the use of chemical bonds
to fold polymer chains, forming an architecture commonly known as single chain
polymer nanoparticles (SCPNs).[10–12]
Recent research on these interesting
macromolecules
has
significantly
advanced the possible chemistries used
for SCPN synthesis[13–16] and elucidated
the effect of solvents and concentrations in controlling the particle size and
shape.[17–19] Folding a polymer chain to a
less dynamic structure can be useful in a
variety of applications as the macromolecule physical properties and their interactions are significantly affected, while the polymer chemistry remains mostly
unchanged.[20–22] Many studies have characterized SCPN
molecular level behavior in solution,[22–26] in addition to a few
melt studies which looked at the interactions between the
folded chains.[21,27] Finally, more recently, we have conducted
experimental and theoretical studies to better understand the
influence of intramolecular CLs in the solid state, looking
at mechanical and thermomechanical behavior of SCPNs
assembled into bulk thermoplastic materials.[28,29] Our initial
studies focused on the effects of intramolecular CLs below
the glass transition temperature (Tg) such as reducing chain
entanglement and decreasing ductility. Here, we exploit the
effect of intramolecular CLs on bulk materials assembled
from SCPNs composed primarily of polybutylmethacrylate
(PBMA), as properties can be studied both below and above
Tg. In order to understand the underlying mechanisms by
which intramolecular CLs influence macroscale thermomechanical properties, we investigate these materials with different extents of CL. In addition to mechanical testing on the
synthesized materials, we adopted molecular dynamics (MD)
simulations and carried out simulated mechanical testing
on the same class of material to take a closer look at microstructural aspects such as the size, shape, and response to
deformation of individual molecules in a bulk polymer. MD
enables us to investigate at a scale that would be difficult if
not impossible experimentally.

The mechanical properties of polymers are highly dependent on the
mobility of the underlying chains. Changes in polymer architecture can
affect inter- and intramolecular interactions, resulting in different chain
dynamics. Herein, an enhancement in the mechanical properties of
poly(butylmethacrylate) is induced by folding the polymer chains through
covalent intramolecular crosslinking (CL). Intramolecular CL causes an
increase in intramolecular interactions and inhibition of intermolecular interactions. In both the glassy and rubbery states, this molecular rearrangement
increases material stiffness. In the glassy state, this molecular rearrangement
also leads to reduced failure strain, but surprisingly, in the rubbery state, the
large strain elasticity is actually increased. An intermediate intramolecular CL
degree, where there is a balance between intra- and intermolecular interactions, shows optimal mechanical properties. Molecular dynamics simulations are used to confirm and provide molecular mechanisms to explain the
experimental results.

1. Introduction
Controlling macroscopic properties by judicious design and
control of the molecular structure has been a key driving
force behind the development of new polymer architectures.
New strategies to improve the thermomechanical properties
of plastic materials that do not involve irreversible covalent
crosslinks (CL) have been extensively studied and reported
in the literature. For example, changes in chain architecture
to make branched[1] and star polymers,[2] or even a combination of both[3] have been shown to have a profound influence
on the mechanical performance. For instance, the elongation at break of highly branched star polymers was found to
O. Galant, Prof. C. E. Diesendruck
Schulich Faculty of Chemistry and The Interdepartmental
Program in Polymer Engineering
Technion - Israel Institute of Technology
Haifa 3200003, Israel
E-mail: charles@technion.ac.il
S. Bae, Prof. M. N. Silberstein
Sibley School of Mechanical and Aerospace Engineering
Cornell University
Ithaca 14853, USA
E-mail: meredith.silberstein@cornell.edu
The ORCID identification number(s) for the author(s) of this article
can be found under https://doi.org/10.1002/adfm.201901806.

DOI: 10.1002/adfm.201901806

Adv. Funct. Mater. 2019, 1901806

1901806 (1 of 8)

© 2019 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

www.advancedsciencenews.com

www.afm-journal.de

2. Results and Discussion
2.1. SCPNs Synthesis and Characterization
Given that one goal of this research is to test materials in both
the rubbery and glassy states, polymers based on butyl methacrylate were prepared. PBMA has a relatively low Tg of 20 °C[30]
and is an easy-to-work solid. The synthetic strategy is based
on the method developed by Pomposo et al.,[14] which uses
Michael addition for a CL reaction. The CL degree for each
polymer was calculated by 13C-NMR [see the Supporting Information (SI)]. The four SCPNs synthesized are marked from
E1, with the lowest degree of intramolecular CL to E4, with the
highest degree. The MD simulated SCPN were formed from
polyethylene (PE)-like chains following the procedure from our
prior work.[31] The bulk polymers were modeled as assemblies
of 27 SCPN equilibrated under periodic boundary conditions
(see SI). The four MD simulated SCPNs are marked from M1,
with the lowest degree of intramolecular CL to M4, with the
highest degree.
The size of the individual, independent SCPNs reflects the
CL density, synthesis/simulated synthesis conditions, and the
current environment. All synthesized polymers were characterized by triple-detector gel-permeation chromatography
(GPC) (Table 1, and Figure S1, SI), which showed the expected
increase in retention time as CL degree increases, indicating a
decrease in hydrodynamic volume of individual, independent
SCPNs (Rh). Rh is measured in a dilute solution, where the individual macromolecules are able to swell and do not interact with
other macromolecules, therefore the effect of intramolecular CL
is significant only at high CL degree (E4). Another hint into
the shape and size of individual, independent SCPNs comes
from our previous MD studies on individual SCPNs in vacuum,
where the radius of gyration (Rg) was found to be nearly independent of the CL degree with only a slight reduction.[31] The
Rg indicates how constituent monomers are distributed about
the center of mass of the chain. A larger Rg corresponds to a
more unfolded molecule. The trend in vacuum does not imply
that the size is independent of CL degree in the presence of
solvents, as already observed in decreasing Rh in experiment, or
neighboring macromolecules in MD studies (in bulk polymer).
In bulk polymers, SCPNs are not isolated anymore but surrounded by other similar SCPNs. Therefore, it is crucial in this
study to understand the size and shape of individual SCPNs
in the bulk, which is a challenge experimentally, but relatively

straightforward by means of MD simulation. We measured by
MD simulation the Rg of individual SCPNs in the bulk in the
current study and found that the Rg decreases with increasing
CL degree from linear to 20% as shown in Figure 1. Interestingly, the Rg of SCPNs in the presence of other macromolecules
converge to those of individual, independent SCPNs (ca. 18 Å)
in vacuum as the CL degree increases. This implies that SCPNs
are less unfolded with increasing CL degree. The lesser extent
of chain unfolding is also observed in molecular snapshots (see
Figures S20–S28, SI).

2.2. Glass Transition Temperature
The glass transition temperature was measured using differential scanning calorimetry (DSC) and dynamic mechanical
thermal analysis (DMTA) to provide some experimental indications on the effect of intramolecular CL on segmental dynamics.
In agreement with ours and others previous results,[15,28,29,32,33]
Tg increases in PBMA with increasing CL degree (Table 1). Tg’s
determined by MD simulations found the same trend (Table 2).
The increase in Tg with increasing CL degree is attributed to
reduced mobility due to chain confinement as previously demonstrated in non-SCPN systems.[34,35] It is important to mention that the difference in absolute Tg values obtained from
experiment and MD simulations results is due to the difference
in polymer chemistry.

2.3. Monotonic Uniaxial Tensile Tests
In order to investigate temperature-/state-dependent mechanical
properties, uniaxial tension tests were conducted at a nominal
strain rate of 0.001 s−1 both at room temperature (below Tg) and
80 °C (above Tg). MD simulations of uniaxial tension tests were
conducted above and below Tg at a nominal strain rate of 108 s−1.
For both the experiments and simulations, we express these
results in terms of true stress and strain (see SI).
At room temperature, EL, E1, and E2 deform and present
strain hardening, however, E3 and E4 fail before any plastic
deformation occurs (Figure 2a). Elastic modulus was extracted
from these curves (Figure 2b). Unexpectedly, unlike our previous study using PMMA SCPNs in which the elastic modulus
was not affected by CL degree,[28] significant changes are seen
in PBMA SCPNs. This difference in the mechanical response at

Table 1. Experimental properties of linear and intramolecular CL polymers.
CL degreea)
[%]

Tg (DMTA)b)
[°C]

Tg (DSC)c)
[°C]

Mwd)
[kDa]

Rh (w)d)
[nm]

[η]wd)
[mL g−1]

0

55

29

111.8

8.8

34.3

E1

2

57

37

125.1

8.8

32.9

E2

3.5

67

43

152.0

8.9

29.8

E3

6

70

47

145.0

8.7

27.7

E4

9

70

50

171.3

8.1

22.9

Type
EL

from 13C-NMR; b)Tg corresponds to glass transition temperature, measured as maximum tanδ at 1 Hz; c)Midpoint; d)Mw corresponds to polymer molecular
weight molar mass, Rh(w) is the hydrodynamic radius, and [η]w is the intrinsic viscosity. Parameters where calculated from three-detector GPC.

a)Calculated
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Figure 1. MD simulated frequency of radii of gyration of individual
molecules (linear chains/SCPNs) constructing a bulk polymer a) at the
glassy state and b) at the rubbery state as a function of CL degree (see
Figure S29, SI for the MD simulated frequency of radii of gyration of
individual molecules for each CL degree).

room temperature is attributed to the glass transition temperature of PBMA, which is significantly lower than that of PMMA.
The elastic modulus of PBMA initially increases with CL
degree, and then decreases at higher degrees of intramolecular
collapse. Stress at fracture decreases with increasing CL degree
and the specimens for E3 and E4 fail without showing appreciable plastic deformation. For EL, E1 and E2, pronounced plastic
deformation accompanied by strain hardening is seen, but
decreases with CL degree. Interestingly, this influence of intramolecular CL on PBMA SCPNs was predicted by our previous
MD study and was again observed in the current MD study
(Figure 2c).[29] By addition of intramolecular CLs, all segments
are brought closer together, increasing the intramolecular interactions (Figures S30 and 31, SI) and producing more rigid
SCPNs, resulting in a stiffer material. The reduction in stiffness and strength at high intramolecular CL degrees is likely
the result of reduced entanglements and poor packing. Our MD
results indicate that the number of monomers between entanglements (Ne) increases with increasing CL degree (Table 2),
meaning the degree of intermolecular entanglement is reduced
with increasing intramolecular CL degree. This lower degree of
entanglement causes the material at the glassy state to fail at
smaller strains due to separation between SCPNs. MD results

also indicate the expected increase in density with increasing
CL density due to reduced individual SCPN size, but then show
a decrease in density for the highest CL degree, implying that
voids are present in the material due to poor packing.
At 80 °C, unexpectedly, all SCPNs are stiffer and tougher than
the linear polymer (Figure 3a). Further, as in the glassy state, the
rubbery state shares a crossover in performance as CL degree is
increased (Figure 3b). E4 presents reduced stiffness and toughness compared to E3, but still enhanced compared to those of
EL. Comparing the glassy and rubbery behavior, it appears that
the increased mobility in the rubbery states for all the polymers
shifts the property trade-offs so that the increased stiffness and
strength of the individual SCPNs within the bulk can provide
stiffness enhancement without the cost of failing at earlier
strains. While most of the samples did not fail completely by the
tensile test instrument limit of 1400%, there was a substantial
force drop, particularly for the linear and E1 polymers.
The difference in macroscale properties for materials with
different CL degrees is a consequence of the differences in the
SCPN individual properties and in the interchain interactions.
From a molecular perspective, stress originates from SCPNs
deforming or from chains sliding past each other. It is clear
from our MD simulations that van der Waals energy and dihedral angle energy are the two terms that most contribute to the
change in the total potential energy (Figures S32 and 33, SI).
The change in van der Waals energy results from the motion
of SCPNs relative to other SCPNs and from the deformation of
SCPNs. The dihedral energy change is just due to the deformation of individual SCPNs. In order to understand this trade-off
between SCPN deformation and relative motion, we monitored
and compared linear and SCPN deformation during MD simulated tensile testing. For both glassy and rubbery-like states, we
calculated radii of gyration of the chains along axes parallel and
perpendicular to the deforming axis, Rg,|| and Rg,⊥, respectively,
and then normalized the radii by the radii at the undeformed
state (Figures 2d and 3d). For ML at both states, Rg,|| monotonically increases at all strains implying steady chain stretching.
The extent of this chain stretching is initially affine and then
gradually becomes reduced relative to affine deformation,
meaning a substantial part of the deformation above a strain of
0.6 is a result of relative chain motion. At both states, all SCPNs
follow the same initial slope, which is equivalent to the same
degree of affinity. The lower the temperature and the greater
the CL degree, the lower the strain at which the individual
SCPNs start deforming less, implying SCPNs slide past each

Table 2. Glass transition temperature, density, degree of entanglement, and elastic modulus of SCPNs as a function of CL degree of the MD material
models.
Type

CL degree
[%]

Tg
[°C]

ρ at the glassy
state [g cm−3]

ML

0

−53.98

0.927

Elastic Modulus at the
Nea)
glassy state [GPa]
at the glassy state

ρ at the rubbery
state [g cm−3]

Nea)
at the rubbery state

Elastic Modulus at the
rubbery state [GPa]

76.7 ± 0.4

3.266

0.852

70.9 ± 3.1

0.376
0.621

M1

5

−36.10

0.941

572.9 ± 7.2

3.533

0.876

442.7 ± 50.7

M2

10

−31.65

0.956

982.9 ± 19.5

4.083

0.902

870.0 ± 84.7

1.082

M3

15

−26.42

0.976

999.0 ± 0.0

4.433

0.924

999.0 ± 0.0

1.739

M4

20

−27.58

0.939

999.0 ± 0.0

4.130

0.905

999.0 ± 0.0

2.160

a)N

e

corresponds to the number of monomers between entanglements (see SI, the details on entanglement).
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Figure 2. a) Stress–strain behavior and b) elastic modulus as a function of CL degree at room temperature from experiment. c) Stress–strain behavior
and d) change in radii of gyration as a function of CL degree at the glassy state from MD simulations. The solid, dashed, and the dotted lines correspond to Rg,||, Rg,⊥, and the affine deformation, respectively.

Figure 3. a) Stress–strain behavior and b) elastic modulus as a function of CL degree at 80 °C from experiment. c) Stress–strain behavior and d) change
in radii of gyration as a function of CL degree at the rubbery-like state from MD simulations. The solid, dashed, and the dotted lines correspond to
Rg,||, Rg,⊥, and the affine deformation, respectively.
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other more. The more rigid the SCPNs, the more likely this
sliding is to cause the material to fail. This trend towards brittle
behavior is quite apparent in our room temperature experiment
in that failure strain decreases with increasing CL degree. At
80 °C experimentally, all of the materials are quite stretchable,
and the deformation mechanism of sliding does not seem to be
SCPN deformability limited.
Again, it is important to note that the chemistry is different
between experiment and simulation. We adopted PBMA for
the experiments and a PE-like polymer for MD models, but the
synthesized materials and MD models both consist of assemblies of polymer chains with intramolecular CL. Overall both
the synthesized materials and MD models present increase in
strength and stiffness compared to the linear polymer. MD simulations provide additional information regarding the changes
in density and Rg during deformation which cannot be measured experimentally.

2.4. Cyclic Uniaxial Tensile Tests
In order to better understand the variation in stress response
due to difference in chain configuration caused by intramolecular CL, cyclic uniaxial tensile tests were carried out at 80 °C for
each polymer. The cyclic test used in this case consists of three
rounds of strain and release in sequence, up to six increasing
strain levels at a nominal strain rate of 0.001 s−1. Figure 4a,d
shows representative results from EL and E3 (see SI for measurements for all additional polymers). The shapes of the curve
for both polymers can be broadly described by the same features from each initial unload, there is a substantial residual
strain at zero force and a large hysteresis; upon each reload the
peak stress is slightly reduced compared to the previous repeat;

overall the stress is reduced compared to the corresponding
monotonic test. Comparing EL and E3, it is apparent that E3
has less residual strain and greater hysteresis on the second
and third repeats at each strain. To better quantify the differences between EL and E3, properties extracted from this test
are plotted as a function of cycle number in Figure 4.
The normalized moduli extracted from unloading at each
strain and repeat are presented in Figure 4b,e. While stiffness
fluctuates for EL, for E3 it increases with strain. This increase
in E3 modulus is likely due to improved alignment and packing
of SCPNs with the stress vector while maintaining the individual SCPN stiffness. Correspondingly, the stress increases
with strain for E3, whereas it levels off and even decreases over
the same range for EL.
The viscous nature of each polymer is apparent through the
reduced stress with each reload to a given strain, the strain
when force becomes zero upon unloading and non-zero upon
reloading, and the strain energy dissipated with each cycle
(hysteresis). Each of these indicators shows that EL acts in a
much more fluid-like manner than E3. The peak stress of EL
drops dramatically from repeat one to two and then again from
two to three, showing that the polymer has shifted to a new
quasi-equilibrium configuration based on prior peak strain; the
peak stress for E3 only drops by a few percent at each repeat,
although this drop does become more pronounced at larger
strains (Figure S17a,d, SI). In Figure 4c,f, the total height of
blue and red bars corresponds to strain energy density (SED)
on loading, the blue portion is recovered, and the red portion
is dissipated. Both polymers recover and dissipate less energy
after each repeat. EL presents a significant energy reduction
after the first repeat for each cycle, and the repeats have little
effect. In contrast, for E3, the recovered and dissipated energy
only reduces slightly for repeats, and is a function of maximum

Figure 4. Experimental cyclic uniaxial tensile test results at 80 °C. a) Stress–strain response, b) modulus on unloading normalized by initial elastic
modulus, c) SED during loading and unloading of a material of type EL. d) Stress–strain response, e) modulus on unloading normalized by initial
elastic modulus, and f) SED under loading and unloading of a material of type E3. Red and blue bars represent SED that are dissipated and recovered,
respectively (see Figure S14, SI for calculating SED during loading and unloading).
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strain. At first glance, this experimental result seems contradictory with the MD finding that SCPNs have more relative chain
motion (viscous flow) than ML, however as showed in our previous work,[29] the greater the CL degree, the greater the stress
for deforming the SCPN a given amount—since this individual
SCPN deformation is reversible, this factor has a strong effect
on the dissipation to recovery ratio.

2.5. Intermolecular Interaction
Individual SCPNs themselves deform or slide past each other
in response to macroscale deformation. In our prior work, we
found that loss of entanglements in high CL density SCPN
assemblies was responsible for the loss of ductility in the
glassy state, however this is clearly not a dominant factor in
the rubbery state because the high CL polymers can stretch
greater than 1400%. Therefore in this subsection, we explore
the influence of intermolecular non-covalent interactions
beyond entanglements on the deformation mechanisms.
Experimentally, it is incredibly difficult to isolate the effects of
intermolecular non-covalent interactions from SCPN rigidity
and entanglements, but MD simulations enable us to modulate these effects independently. We reduced the strength of
the intermolecular non-covalent interactions (between monomers in different SCPNs), while keeping the intramolecular
non-covalent interactions (between monomers within SCPNs)

and the SCPN rigidity the same (see SI for modulating
intermolecular non-covalent interactions). Then, monotonic
uniaxial tension at a strain rate of 108 s−1 was applied and
both the stress response and deformation of the individual
SCPNs were examined. At the glassy state, where monomers/
chain segments are likely frozen and SCPNs are more rigid,
as the strength of intermolecular non-covalent interactions
are reduced, a substantial drop-off in both strength and fracture strain are seen as shown in Figure 5a, which shows the
stress–strain behavior of M1 with varying strength of intermolecular non-covalent interactions (see Figures S34–S38,
SI for different CL degrees). Despite the difference in macroscale behavior, surprisingly there is almost no change in
how individual SCPNs deform (Rg,||) until just before failure
(Figure 5b). At the rubbery-like state, where chain segments
have more mobility and the SCPN are less rigid, the stiffness of the material decreases significantly with decreasing
strength of intermolecular non-covalent interactions as shown
in Figure 5c (see Figures S39–S43, SI for additional cases).
This reduced stress is a consequence of the reduced deformation of SCPNs as apparent in the Rg plot (Figure 5d). It is clear
that even aside from entanglements, non-covalent interactions
among SCPNs are critical for transmitting macroscale deformation and maintaining material cohesion. Coming back to
the experimental results, there is a trade-off with increasing
CL degree between stiffer and stronger individual SCPN and
loss of intermolecular non-covalent interactions; E3 seems to

Figure 5. The behavior of type M1 with varying strength of intermolecular non-covalent interactions (see SI for the behavior of different types).
a) Stress–strain behavior and b) change in radii of gyration at the glassy state from MD simulations as a function of the ratio of the strength of intermolecular non-covalent interactions to that of intramolecular ones. c) Stress–strain behavior and d) change in radii of gyration at the rubbery-like
state from MD simulations as a function of the strength ratio. 1, 0.9, and 0.75 represent three different ratios and the smaller the value, the weaker
the strength of intramolecular non-covalent interactions (see SI for modulating intermolecular non-covalent interactions). In both b) and d), the solid,
dashed, and the dotted lines correspond to Rg,||, Rg,⊥, and the affine deformation, respectively.
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Scheme 1. Synthesis of linear polymer and SCPNs. CPDB = 2-cyanopropa-2-yl benzothioate. AIBN = Azobisisobutyronitrile.

be closest to the balance point for these two factors among the
CL densities examined here.

3. Conclusions
We have studied the thermomechanical properties of bulk polymers assembled purely from PBMA SCPNs to understand the
effect of intramolecular CL on the material behavior of rubbery
polymers. Similar to PMMA-based SCPN, the Tg increases as a
function of intramolecular CL degree. Yet, in contrast with these
PMMA studies, we found that maximum stiffness and strength
are improved at a moderate intramolecular CL degree (E3) in
the glassy state and that stiffness and toughness are improved
in the rubbery state. Cyclic tests revealed that the viscous nature
of the base linear polymer is reduced by the addition of intramolecular CL. Both strain recovery and SED recovery fraction
are increased with the addition of CLs.
Our results indicate that the presence of intramolecular CL can
significantly improve the mechanical properties of bulk polymers
at the rubbery state. The main effect of these additional bonds is
in resisting unfolding under applied stress. These intramolecular
covalent bonds are most effective macroscopically when there
are still intermolecular interactions between chains from entanglements or even close packing of the SCPN. This study adds to
the concept of using folded polymers to make bulk materials and
perhaps, provide improved materials. Further study is underway
to further understand the role of the non-covalent intermolecular
interactions in these materials.

4. Experimental Section
Materials: All chemicals, unless otherwise stated, were purchased
from commercial sources and utilized without further purification.
Butyl methacrylate (BMA) was filtered through basic alumina to remove
hydroquinone monomethyl ether (MEHQ) inhibitor. The purified BMA
was kept in a refrigerator in a closed flask under argon.
Synthesis of Polymer and SCPNs: RAFT (Reversible Addition
Fragmentation chain Transfer) polymerization[7] was used to prepare
a linear random copolymer containing a mixture of BMA and
(2-acetoacetoxy)-ethyl methacrylate (AEMA). BMA (100 mL, 0.63 mol),
AEMA (21 mL, 0.12 mol), 2-cyanoprop-2-yl-dithiobenzoate (CPDB)
(125 mg, 0.56 mmol) and 2,2-azobis(2-methylpropionitrile) (AIBN)
(21.85 mg, 0.13 mmol) were dissolved in ethyl acetate (100 mL). The
reaction mixture was treated with three freeze-pump-thaw cycles and
backfilled with argon. The polymerization reaction was carried out

Adv. Funct. Mater. 2019, 1901806

at 65 °C for 18 h. The resulting polymer was isolated by precipitation
in methanol and drying under high vacuum (53% yield). AEMA
incorporation in the copolymer was determined by 1H-NMR analysis
(see SI). This polymer was characterized and used as the linear precursor
for all SCPNs in this study. Measured portions of this linear polymer
underwent intramolecular collapse by Michael addition (Scheme 1)
using different amounts of trimethylolpropane triacrylate (TMPT) as
the Michael acceptor, to form SCPNs with different CL degrees, all
containing the same degree of polymerization (DP). P(BMA-co-AEMA) (4
gr), TMPT (according to desired CL degree) and KOH (0.5 eq to TMPT)
were dissolved in tetrahydrofuran (THF) (4 L) at room temperature. The
reaction occurred under highly dilute conditions (1 mg mL−1) to avoid
intermolecular CL. After three days, the reaction was stopped by addition
of a few drops of 1 m HCl. The mixture was concentrated and the SCPNs
isolated by precipitation in methanol and drying under high vacuum.
Film Preparation: Polymer films were prepared by solvent casting
on a Teflon-coated petri dish of 50 mm diameter. A polymer (600 mg)
solution in 1,4-dioxane (6 mL) was prepared, filtered and poured into
the petri dish, which was left overnight in the hood for slow evaporation.
The obtained films were removed from the mold and laser-cut to the
desired shape using an ‘Epilog Zing’ 24 laser cutter. The specimens for
tensile tests were laser cut according to ASTM D638-14 dimensions.[8]
The specimens for DMTA were laser cut into rectangles 4.5–5 mm in
width, 20 mm in length, and 0.25–0.3 mm in thickness. All samples
were dried under high vacuum for 3 d. Specimen width and thickness
were measured using a digital caliper and a micrometer respectively at
10 different locations along the gauge length and averaged.
Characterization: GPC analyses were done in a Thermo LC system
equipped with TSKgel Guard Column HHR-L and 4 TSKgel G4000HHR
columns in sequence. Detection was obtained with a penta-detector system
including Dionex DAD-3000 PDI UV–vis Detector, Wyatt Viscostar II, Wyatt
OPTILAB T-rEX, Wyatt MALS DAWN HELEOS II 8+TR and WyattQELS
DLS. GPC data analysis was done using Wyatt’s Astra 6 software. Dynamic
mechanical analyses were done in a DMTA Q800 (TA instruments) using
film tension. DMTA data were analysed by TA Universal Analyser Program.
Tensile tests were done using a ‘ZwickRoell’ Z010 and the mechanical
behavior was characterized by true stress–true strain response. True
strain was calculated by digital image correlation using VIC-2D and true
stress was converted from engineering stress by taking into account true
strain and assuming the volume of material is conserved. DSC analyses
were done in a Mettler Toledo DSC-1 and analyzed by STARe software. All
1
H and 13C NMR spectra were recorded using an AVANCE II 400 MHz
(CDCl3, δ) Bruker spectrometer at the Technion NMR facilities.
Molecular Dynamics Simulations: Bulk polymer systems made from
the assembly of SCPNs are constructed to investigate the influence
of intramolecular CLs on the thermomechanical properties. Already
equilibrated SCPNs are read in and assembled together. The precursory
polymer chain is 1000 monomer long (modelled as a coarse-grained chain
with 2000 beads) and the interactions between beads/monomers are
described by a modified DRIEDING force field,[36,37] which takes into account
bonded and non-covalent interactions. The intramolecular CL is described
by the same bond stretching potential as the potential used for the chain
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backbone. The bulk polymer is constructed from 27 SCPN and each SCPN
exhibits one of three intramolecular CL distributions.[31] All MD simulations
were carried out using the large-scale atomic/molecular massively parallel
simulator (LAMMPS) on the Extreme Science and Engineering Discovery
Environment Stampede 2 cluster.[38,39] The SCPN bulk systems with
different CL degrees (M1:5%, M2:10%, M3:15%, and M4:20%) and the
linear bulk system (ML) for reference were equilibrated through multistep
equilibration including simulated annealing. The equilibrated systems are
used to investigate glass transition temperature by simulated cooling,[40,41]
stress–strain response by simulated uniaxial tension at a strain rate of
108 s−1, chain entanglement by primitive path analysis,[29,42,43] and SCPN
shape change during uniaxial tension by radius of gyration.
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